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Abstract. The transport processes in chromium oxide reviewed here, are related to the basic 
ionic processes in oxides. Solid state science has been effective in describing the complicated 
diffusion-controlled oxide growth of chromium and chromia-forming alloys. Additions of 
reactive elements to chromia-forming alloys have a remarkably beneficial effect and this 
effect is also related to ionic transport processes in crystal lattices. Chromia-forming alloys 
are widely used in coal handling and conversion systems due to their good high-temperature 
corrosion properties; for industrial applications the requirement is that a good adherent 
protective oxide with a low diffusion of defects is formed. Recently, improved knowledge 
has been gained of the identity of the moving species and the values of the corresponding 
diffusion coefficients in chromia scales. STEM measurements give experimental support for 
the theory of grain-boundary segregation and blocking of grain-boundary diffusion by 
reactive elements. 
In this paper the current ideas on the transport processes in chromia and the role of rare 
earth additions on the corrosion behaviour are reviewed. In addition calculations on crystal 
lattices and grain boundaries are discussed. The calculations on chromia have been ben- 
eficially influenced by earlier theoretical considerations on nickel oxide. Consequently, 
results on (doped) nickel oxide as well as chromium oxide are discussed. 
1. Introduction 
For the development of high temperature materials, knowledge and modelling of dif- 
fusion processes in corrosion products is very important. Chromia-forming alloys are 
widely used in process industries and coal-related technologies. The good corrosion 
resistance of these steels is due to a chromium-rich oxide layer which is formed either in 
the corrosive atmosphere or during a pre-oxidation treatment. Although scale failures 
such as cracking or detachment may occur, in general chromia scales offer good pro- 
tection in various aggressive gas environments. 
Addition of ‘doping’ elements such as cerium, yttrium, lanthanum etc. often leads 
to improved corrosion resistance. This addition can be made either by means of alloying 
of the bulk or by enrichment of the surface layer. Examples of methods to obtain surface 
enrichment are pack cementation, ion implantation, sol-gel dipping or hot dipping. 
Furthermore, these techniques can be combined with laser glazing. 
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To date, the optimisation of the addition of active elements has been a matter of trial 
and error. Very little is known about the influences of the amount of these elements, 
their ionic radii and their solubility in the oxide lattice on the corrosion resistance of the 
enriched oxide. A good knowledge of the diffusion processes occurring in the oxide may 
lead to a more fundamental approach to the application of coatings. 
In this review, the oxidation kinetics, diffusion parameters and proposed defect 
transport mechanisms for chromia scales are reviewed. One of the main conclusions is 
that the oxidation kinetics cannot be explained by bulk diffusion as the main mode of 
transport, but probably occurs by grain-boundary diffusion in certain temperature 
regions. The influence of additions of active elements on chromia scales and some of the 
proposed mechanisms are discussed. It is shown that some defect calculation models 
agree with the observed corrosion behaviour [l, 21. If modelling of the defect migration 
along grain boundaries in chromium oxide and the influence of rare earth additions on 
these transport processes support the experimental results, then a worthwhile addition 
to the current ideas on reactive elements will have been achieved. 
2. The oxidation of pure chromium 
The oxidation of many metals, including chromium, may often by described by means 
of the parabolic rate law 
d ( Ax)/d t = k,/Ax (1) 
where x and k, are the scale thickness and the parabolic rate constant, respectively. 
In such cases k, is determined by diffusion, and it is this mechanism that we address 
in this section. Diffusion mechanisms and the corresponding activation energies and 
rates have been successfully modelled in recent years, though not yet for all the systems 
under discussion. Section 7 describes some such calculations. 
Large differences are observed in the parabolic rate constants that have been pub- 
lished in literature. The average values of a set of parabolic rate constants, collected in 
[3] for oxidation in oxygen in the pressure range 0.1-1 bar, are given in figure 1. At 
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temperatures higher than 1000 "C and at high oxygen partial pressures, corrections must 
be applied for the evaporation of Cr03 .  
Evidence for the identity of the diffusing species during the growth process was 
presented by several authors. l80 experiments at 950 "C [4] and at 900 "C [5] revealed 
that 90 to 100% of the mass transport can be attributed to outward chromium diffusion 
in the oxide scale. For long term experiments, the interpretation of "0 as well as of 
thermogravimetric experiments may be complicated by the large compressive stresses 
which finally give rise to a scale breakdown. A duplex oxide layer is then formed as a 
result of gaseous diffusion through the cracks. 
The oxidation measurements [6] for chromium at 1000 "C, performed at oxygen 
partial pressures between and bar, showed that practically no dependence 
exists between the oxidation rate of chromium and the applied oxygen partial pressure. 
Recent oxidation measurements on chromium at 900 "C and < Po2 < 1 bar, also 
show k,  to be independent of the oxygen partial pressure [ 7 ] .  
If the lack of dependence of k, on the oxygen partial pressure is interpreted in 
terms of bulk diffusion of chromium defects, transport must take place by chromium 
interstitials. If chromium interstitials with an effective charge a! are the majority defects 
in a chromia scale, then according to Wagner's parabolic equation [8], k,  can be for- 
mulated as 
k,  = ( a  + l )Dcr0[(Pb2)-3/4(a+1) - ( p t 2 ) - 3 / 4 ( a + 1 ) ]  ( 2 )  
where DCro is the self-diffusion coefficient of chromium in chromia in equilibriuni with 
oxygen at unit activity and Pb,  and P& are the effective oxygen partial pressures at the 
inner (metal side) and outer (gas side) scale interfaces, respectively. 
Since P& is the dissociation pressure of chromia in contact with chromium, equation 
(2) can be rewritten as: 
( a  + 1)Dkr (3) 3/4(a+1) = 
if Pb2 > 100Pb2, which is practically always the case. In equation (3) D& is the self- 
diffusion coefficient of chromium in chromia near the inner scale interface. 
This means that a chromium interstitial defect mechanism leads to oxidation behav- 
iour which is independent of the oxygen partial pressure. 
If chromium vacancies dominate the growth process in the bulk of the oxide, then k, 
can be formulated as 
k,  E ( a  + l )Dcro(Pb, ) -  
k, = ( a  + l )Dcr0[(Pt , )3/ ' (a+1) - (PbZ)3/4(n+1)  1 (4) 
and consequently diffusion by chromium vacancies gives rise to an easily measurable 
dependence of k,  on the oxygen partial pressure, because Pb,  6 P k 2  . 
It should be taken into consideration that these defect mechanisms'hold for bulk 
diffusion. However, grain-boundary diffusion is generally considered to be the main 
transport mechanism. Although it is not certain whether the defect mechanisms are the 
same at a grain boundary as in the bulk phase, it is probable that these conclusions 
remain unchanged. 
3. The oxidation of chromium alloys 
Metals such as iron, nickel and cobalt are often alloyed with chromium to obtain chromia- 
forming materials with good mechanical properties and high oxidation resistance. The 
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alloy inter-diffusion coefficients and the diffusivity of chromium in Cr203 are such that 
selective oxidation almost inevitably leads to chromium depletion in the alloy near the 
interface. Due to this chromium depletion other oxides and spinel phases are formed 
and the thickness of the chromia is limited. The result is that continuous scale breakdown 
does not take place. Especially in nickel-chromium alloys this breakdown is reduced 
even further due to the internal oxidation of the alloy grain boundaries, giving rise to 
better scale adhesion. 
The parabolic oxidation rate constant of a chromium-containing alloy is as a rule 
smaller than the corresponding value for pure chromium. The variation of k,  with the 
composition of nickel-chromium alloys at 1000 "C in O2 is shown in figure 2. 
One explanation for the decrease of k, upon doping with nickel is that this is 
electrically compensated in the lattice by a decrease in the concentration of chromium 
vacancies. If the main transport takes place by a chromium vacancy mechanism, doping 
with nickel should indeed lead to a decrease in k,  [lo]. Another explanation for the 
doping effect of ions with a lower valence was given in [6 ] .  Assuming that chromium 
interstitials are the main defects in the oxide, a decrease in the chromium activity at the 
alloy-oxide interface leads to decrease in the oxidation rate. 
4. Tracer diffusion experiments 
Tracer diffusion experiments with 51Cr and can give information about the diffusion 
coefficients of the species in the oxide scale. The results of experiments [ll-131 on 
sintered or hot-pressed samples were roughly in agreement with the bulk defect models 
considered. It was found in [12] that oxygen diffusion was much slower than chromium 
diffusion. It was generally assumed that bulk diffusion is the main transport process and 
it has been shown that the magnitude of the measured diffusion values of chromium are 
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Figure 3. Diffusion coefficients as deter- 
mined by tracer experiments of chromium 
and oxygen in Cr20,. M, Cr diffusion in 
single crystals [11]; A, Cr diffusion in hot 
chromia [12]; B, 0-diffusion by gas-solid 
isotope exchange 1151; +, Cr diffusion [16] 
in single crystals; Q, Cr diffusion [17] in 
single crystals. 
in agreement with the observed k,-value [14]. A survey of the various diffusion data is 
given in figure 3. 
The chromium tracer self-diffusion experiments on chromia single crystals [ 171 gave 
rise to a completely different view of the oxidation process of chromium. The obtained 
penetration profiles of 51Cr could be divided into a steep slope near the surface, charac- 
teristic of bulk diffusion, and a 'tail' characteristic of diffusion along dislocations. It was 
assumed that the dislocations are arranged in arrays forming low-angle grain boundaries. 
The profiles are analysed by comparing the observed profile with a mathematically fitted 
curve [18]. By fitting the observed profile, the lattice diffusion coefficient D and the 
product D'6 can be obtained. D' stands for the grain-boundary diffusion coefficient and 
6 for the grain boundary width. 
From figure 3 it is clear that the data obtained in [ 171 for bulk diffusion are about 5 
orders of magnitude smaller than those previously obtained. The only possible expla- 
nation is that the former data are characteristic of short-circuit diffusion. It is remarkable 
that the measurements in [ l l ]  on single crystals do not agree with the data from [17], as 
is seen in the same figure. The possible presence of a mosaic structure could be an 
explanation for the data obtained in [ l l ] .  
In figure 4 the variation of the chromium lattice diffusion coefficient D and of the 
product D'S with the oxygen partial pressure is illustrated [18]. 
Although the measured values are characterised by a large experimental error, they 
seem in accordance with a chromium-vacancy mechanism because a decrease in Po2 
generally leads to a decrease in the diffusion coefficients. According to [18], the increase 
of the diffusion coefficients at Po2 near the equilibrium partial pressure of Cr203  can be 
explained by a change in the defect structure caused by the formation of chromium 
interstitials at these low oxygen pressures. 
The most important conclusion from [17,18] is that the growth process of chromia 
at moderate temperatures cannot be described by lattice diffusion because lattice dif- 
fusion is too slow to account for the measured k,-values. 
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5. The electrical conductivity of chromium oxide 
The electrical conductivity of sintered chromium oxide powders was reviewed in [19]. 
The defect chemistry of chromium oxide was divided into two parts: a low temperature 
region ( T  < 1250 "C) and a high temperature region, where the conduction takes place 
by intrinsic defects (intrinsic or self-defect conductivity). In the low temperature region 
the conductivity can be determined by the amount of impurities in the oxide. Doping 
with ions with a valency lower than 3 leads, as a consequence of the electroneutrality 
condition, to a decrease in the concentration of metal vacancies and an increase in the 
number of electron holes. Therefore the chromia measured at low temperatures and 
contaminated with lower valence ions is always p-type. Doping with electron donors 
such as W, Ti, Nb or V may result in n-type behaviour depending on the solubility of the 
dopant. 
Recent measurements on sintered chromium oxide tablets resulted in a new view on 
the defect mechanism of Cr203  [20]. The thermoelectric power measurements on Cr203,  
sintered in different atmospheres and at various temperatures, showed that n-type 
behaviour occurs when the chromia is sintered at low oxygen partial pressures and p- 
type on sintering at high Po*.  The defect structure is 'frozen' below the temperature at 
which sintering was carried out. For specimens sintered at 1770 K in a H,/H20 gas 
mixture, the transition in air from n- to p-type is a relatively fast process at 1300 K. The 
reverse transition from p- to n-type only takes place at temperatures above 1800 K 
at low oxygen partial pressures. The fact that the value for the thermopower never 
equilibrates to  zero in the experiments shows no evidence for intrinsic conductivity up 
to 1800 K. The experiments [20] showed that if the value for the band gap, derived 
from experiments of [21] to be 3.6 eV, is used to calculate the intrinsic electron-hole 
concentration, the contribution of intrinsic conductivity may be neglected. 
The dependence of the n- or p-type behaviour on the oxygen partial pressure is in 
agreement with the presence of chromium interstitial defects at low oxygen partial 
pressures and chromium vacancies at high oxygen partial pressures. In [20], it was 
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considered unlikely that equilibration with the local oxygen partial pressure was obtained 
at moderate temperatures (900-1100 K) in a chromia scale, formed after oxidation of 
chromium. 
6. The 'rare earth effect' in chromium and chromia-forming alloys 
The addition of rare earths to chromia-forming alloys has a large beneficial effect on the 
corrosion behaviour of alloys. Because the beneficial effect is not limited to rare earths, 
as indicated in [22], it is better to speak of reactive elements. Dopants may influence the 
oxidation rate by changing the concentration of charge carriers if they have a higher or 
lower valency. This effect of dopant valency is not the only significant effect. This raises 
important issues not yet fully analysed in terms of solid state mechanisms. We shall show 
that the combination of experiment and theory does yield a consistent picture of the 
reactive element effect. Much research was done on the alloying of metals with dispersed 
oxide phases. Dispersed oxide phases such as Tho, ,  CeO, or Y 2 0 3  were added to Ni- 
Cr, Co-Cr and Fe-Cr base alloys [23-251. The beneficial effect was evident and the 
following observations were made: 
(i) the amount of chromium, necessary to form a continuous Cr203  layer, can be 
reduced; 
(ii) the overall oxidation rate is decreased; 
(iii) the oxide scale is more adherent and less oxide spallation occurs. 
It was shown that for Co-Cr alloys the reactive elements, present in the alloys, should 
first internally be pre-oxidised [26]. If this pretreatment is not carried out, no beneficial 
effect is observed. 
Instead of alloying, the reactive elements can also be applied on the surface, such as 
by sol-gel coating, by ion implantation or by pack cementation. The results obtained by 
ion implantation are discussed below. 
It has been shown [5]  that yttrium ion-implantation at a dose of 2 X 10l6 Y cm-, in 
high-purity chromium results in a large reduction of the oxidation rate at 900 "C. By 
means of lSO experiments it was also shown that the growth mechanism is changed by 
ion implantation. The unimplanted chromium shows almost 100% outward growth of 
the oxide and after ion implantation the amount of outward growth is significantly 
reduced. This indicates that at least the chromium diffusion within the chromia scale is 
reduced to a greater extent than the oxygen diffusion. The influences of Y, Ce and La 
implantation on the oxidation of 20Cr-25Ni-Nb-stabilised steel have been extensively 
investigated [27]. A beneficial effect on the oxidation rate and the amount of oxide 
spallation was obtained. An implantated dose higher than 1 O I 6  ion cm-, did not result in 
a further improvement on oxidation [28]. Ion implantation in 20Cr-25Ni-Nb-stabilised 
steel did not result in an oxide layer with a higher chromium content [29]. Ion implan- 
tation can also be applied to improve the sulphidation corrosion resistance of chromia- 
forming alloys, if a pre-oxidising treatment is applied, as shown in [30]. 
The several mechanisms proposed for the reactive element effect on oxidation were 
summarised in [31,32]. The various mechanisms can be divided into three categories, 
the effects on the initial oxidation (8 6.1), the effects on the inhibition of scale failure 
(0 6.2) and the effects on the reduction of the growth rate (§ 6.3). These will now be 
examined in turn. 
4504 E A Polman et a1 
6.1. Effects on the initial oxidation 
The effects on the initial oxidation behaviour are the heterogeneous nucleation of oxide, 
the modification of the diffusional properties of alloys and the formation of a barrier 
layer. The model of heterogeneous nucleation of chromia grains on rare-earth disper- 
soids may be a valid mechanism for several reactive-element-substrate combinations. 
In this model it is proposed that due to the reactive-element dispersoids, acting as 
nucleation sites, the spacing of these sites is decreased giving rise to earlier formation of 
a closed chromia layer. This model is able to explain the decrease of the minimum 
chromium concentration in the alloy necessary to form a continuous chromia layer. 
However, addition of reactive elements does not always lead to a chromia-enriched 
oxide layer [29] and the model is also not able to explain the effects of yttrium ion- 
implantation in pure chromium. The modification of the alloy diffusional properties is 
in contrast with experimental results [33], indicating that the chromium diffusion is 
reduced instead of enhanced in a Ni-20Cr alloy with Y additions. The formation of a 
perfectly closed barrier layer in the early stages of oxidation is also not alikely mechanism 
since it is not able to explain the beneficial effects of preformed dispersed oxides. 
6.2. Effects on the inhibition of scale failure 
The inhibition of scale failure will not be further discussed in this paper. It is clear that 
before scale cracking occurs, the oxidation rate is reduced due to  the addition of reactive 
elements. The beneficial effects of reactive elements on scale failure are evident but in 
this review their influence on the transport properties is highlighted. 
6.3. Effects on the reduction of the growth rate 
The mechanisms effective for the reduction of the growth rate are limited to the effects 
on the blocking of fast diffusion paths, because at temperatures below 1100°C the 
oxidation is dominated by short-circuit diffusion. The proposed mechanisms involving 
short-circuit diffusion are given in 08 6.3.1-6.3.4. 
6.3.1. The physical blocking by segregated reactive elements along grain boundaries and 
dislocations. Attractive and repulsive forces are not considered in this model [34]. Due 
to segregation of reactive elements at grain boundaries, occupying chromium sites, 
the amount of chromium along the grain boundary is reduced. The chromium grain- 
boundary diffusion may then be formulated as 
D C r  = ~ Y C ~ D C ~ O ~  ( 5 )  
where ac,is the segregation factor for chromium given by the concentration of chromium 
at the grain boundaries divided by the concentration of chromium in bulk Crz03.  DCro 
is the grain-boundary diffusion coefficient for chromium in pure Cr203 and 6 is the grain 
boundary width. 
6.3.2. The formation of complex defects between defects and reactive element ions. Due 
to the interaction of defects with reactive element ions at the grain boundaries, the 
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activation energy for defect migration along grain boundaries may be increased. This 
model is supported by the defect model calculations in [l]. They showed that nickel 
vacancy migration along grain boundaries of NiO was hindered by interactions of the 
vacancies with cerium ions substituting a nickel position. This model is discussed in 8 7. 
6.3.3. Physical blocking by second phase particles on grain boundaries. In this model it 
is assumed that a coherent interface can be formed between second phase particles (e.g. 
YCrO,) and oxide grains. However, it is unlikely that very small additions of reactive 
elements can occupy the Cr,03 grain boundaries to such a large extent as to account for 
the drastic decrease in the growth rate. 
6.3.4. Alteration in the number and character of short-circuit diffusion paths. It was 
suggested [23] that due to the reduction of the oxide grain size the number of dislocations 
could be reduced, since dislocations are unstable in smaller grains. This mechanism is 
inconsistent with the observation that smaller grains lead to an increase of the oxidation 
rate [35]. 
Evidence for the role of grain-boundary segregation of reactive elements in Cr203  
was given by the experiments [36,37]. STEM measurements revealed that segregation of 
yttrium at the chromia grain boundaries does indeed occur. For 2 X 10l6Y cmP2 
implanted Co-45Cr, the measured Y : Cr ratio at the grain boundary may correspond to 
a complete monolayer coverage by yttrium, if all the yttrium is concentrated in the layer 
immediately adjacent to the grain boundary, as shown in [37]. The exact distribution at 
the grain boundary cannot be measured because of the relatively large beam diameter. 
The measurements in [36,37] provide no proof for the reduction of cation diffusion 
along grain boundaries but greatly support the mechanisms based on grain-boundary 
segregation. These mechanisms were proposed many years before grain-boundary seg- 
regation could be observed experimentally. The processes occurring at the oxide grain 
boundary may be due to physical blocking, complex defect formation or the action of 
yttrium as an iso-electronic donor. It has been suggested [38] that yttrium may act as an 
iso-electronic donor in Al2O3. It has also been proposed [39] that yttrium can act as an 
iso-electronic donor in Crz03 ,  leading to a decrease in the concentration of chromium 
interstitials. 
7. Defect calculations in the lattice 
Extensive studies based on calculations of simulated crystal lattices have been carried 
out in the last 15 years. The defect calculations discussed here are all derived from the 
method introduced by Mott and Littleton [40]. This method was further developed 
[41-43] for cubic materials. The model for non-cubic materials was extended [44] to 
show the necessity of introducing anisotropy into the model for a proper calculation of 
the defect formation in TiOz and A1203. The modified model is calculated with the 
PROGRAM HADES 3 (Harwell Automatic Defect Examination System) [42,43]. 
Calculations have recently been performed on the formation of defects in the lattice 
of Cr,O [2,45]. Due to the different potential models they used, the obtained values for 
the defect formation and defect migration energies are slightly different. The qualitative 
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conclusions in [2] and [45] are however the same. The calculated value of the band gap, 
found in [2], of 203 kJ mol-' between a large polaron hole and a small polaron electron, 
which both turned out to be the most stable species, seems too low considering the 
estimated value of 346 kJ mol-' [21] and the experiments [20] mentioned previously. In 
[2] it was supposed that a contribution to the electron formation energy of + j A ,  in which 
A is the ligand field splitting energy, has to be added. This leads to a value of 377 kJ 
mol-', which is in better agreement with the experimental values. The lower limit of the 
band gap was calculated [45] to be 352 kJ mol-' when all crystal field terms are neglected. 
The energetically most favourable bulk diffusion mechanisms for vacancy motion, 
anion migration and interstitial migration in Cr203  were also calculated in [2] and [46]. 
Out of the six possible mechanisms for cation vacancy motion, proposed by James for 
A1203 [47], only the relevant mechanisms will be mentioned. The C3 mechanism in 
which a cation moves along the c axis from an octahedral interstitial site towards a cation 
vacancy, turned out to be the most favourable. However, the diffusion parallel to the c 
axis will be blocked by the highly unfavourable C1 mechanism. Bulk diffusion in chromia 
probably takes place by the C4 mechanism (see figure 5 ) ,  where migration parallel and 
perpendicular to the c axis occurs. 
For anion vacancy motion, the so-called A1 mechanism, in which a migrating anion 
moves between two oxygen sites in the anion triangle shared between two MO6 
octahedra, is the energetically preferred mechanism (see figure 6). The A1 mechanism 
will only affect diffusion in the ab plane. 
Cation interstitial migration was calculated for Fe203 [44], the results are probably 
similar to Cr203  for which the I3 mechanism, shown in figure7, turned out to be 
preferable. In the I3 mechanism an interstitial ion moves along the c axis towards a 
lattice cation which is in turn again displaced to the nearest interstitial site in the ab 
plane. 
The calculated values for the activation energy of cation vacancy migration in Cr203  
are in agreement with the experimentally determined Arrh,enius energies measured for 
Cr diffusion [48-501. For oxidation at low oxygen partial pressures, the formation 
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Figure 6. The A1 mechanism for anion vacancy 
migration in a Cr,O, lattice (see § 7 of text). 
Figure 7. The I3 mechanism for chromium inter- 
stitial migration in a Cr203 lattice (see Q 7 of text). 
energies for anion vacancies and cation interstitials are quite similar. A mass-action 
formalism has been applied to the obtained energies for the defect reactions [45]. They 
found that chromium interstitials predominate at low Po* and chromium vacancies at 
high Po,, in accordance with [14] and [20]. 
8. Grain boundary calculations 
Calculations on grain boundaries in NiO, having the rock salt structure, were carried 
out in [ 1 , 5  1-55]. 
For NiO it turned out that compared with the bulk, vacancy formation is favoured 
for all calculated tilt boundaries. For the boundary plane (2f1)/[011] the diffusion 
coefficient at this boundary at 1000 K is 40 times greater than for bulk vacancy diffusion 
[51]. The difference between the energies of formation of positively and negatively 
charged defects leads to a boundary charge. It is assumed that this charge is compensated 
by a space charge layer. 
Calculations on vacancy hopping were modelled by removing two cations from the 
relaxed grain-boundary structure and introducing an interstitial cation between the two 
vacancies. One of the coordinates of the interstitial is fixed and the structure is relaxed 
to equilibrium. This procedure is repeated for several starting positions. The difference 
between the highest and lowest energy of the diffusion path is the activation energy for 
vacancy hopping. The observed activation energy for vacancy diffusion at various grain 
boundaries is 0.56-0.77 times the activation energy for bulk diffusion. This ratio is in 
agreement with the observed ratio of 0.7 for polycrystalline nickel oxide [l]. 
The modelling of cation vacancy migration along an isolated Ce i i  ion at a 
(310)/[001] tilt boundary, showed that the activation energy is increased compared with 
that for vacancy migration along an undoped grain boundary. This effect is in agreement 
with the experimental observation that the oxidation rate of Ni is decreased if a homo- 
geneous thin layer of Ce particles is deposited [56]. It is assumed here that a dense array 
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of Ce,,-v,, pairs gives a further increase of the activation energy of migration, although 
it was not possible to locate the diffusion path [l]. 
It was also shown that in NiO the segregation of impurities at grain boundaries is 
enhanced if the ionic radius of the impurity increases [52]. According to these calcu- 
lations, very large amounts of impurities might accumulate at the grain boundaries. 
However, the calculated energies of 'solution' very near the grain boundaries are still 
very high. This means that either the impurities segregate as second-phase particles or 
the energy of solution at grain boundaries is not calculated correctly. The dependence 
of segregation on the size misfit of the impurity ion in the host lattice was found to be 
linear. 
Grain boundary calculations on corundum-type crystals were performed in [57] for 
Al,O, and in [46] for Cr203.  They both found that segregation of yttrium at the free 
surfaces of low index planes is an energetically favourable process except for the basal 
plane with the hexagonal indices [0001]. Calculations were also performed on the [10?2] 
and the [10?0] mirror twin boundaries [46]. The heat of segregation of yttrium to the 
[ l o i i ]  mirror twin is approximately 50 kJ mol-'. 'The [ l O i O ]  mirror twin shows however 
no tendency for yttrium segregation. The vacancy formation energy at the [ 1Oi2] mirror 
twin boundary is favoured by 322 kJ mol-' towards the bulk value. No diffusion path 
with a low activation energy along the [10i2] twin boundary could be found [46]. The 
diffusion paths parallel to this boundary all have activation energies in excess of 700 kJ 
mol-'. Summarising, it may be stated that the programs used in these calculations of 
surfaces and grain boundaries are very powerful and make it possible to calculate: 
(i) defect energy formation along grain boundaries; 
(ii) activation energy of defect migration, with and without impurities; 
(iii) solubility of impurities along grain boundaries; 
(iv) segregation of impurities. 
9. Concluding remarks 
The cation transport in chromium oxide most probably takes place along grain bound- 
aries. The measurements on chromia single crystals [17, 181 show that bulk diffusion is 
much too slow to account for the observed oxidation rates of chromium. 
The measurements on sintered chromia tablets [20] as well as the diffusion experi- 
ments [17, 181 give evidence for a vacancy defect-mechanism at high oxygen partial 
pressures and a chromium interstitial defect transport at very low oxygen partial press- 
ures. Although the chromium vacancy mechanism is assumed to occur at moderate 
temperatures, it fails to explain the observed independence of the oxidation rate from 
the oxygen partial pressure. 
Reactive elements reduce the oxidation rate of chromium and chromia-forming 
alloys. Segregation of reactive elements at grain boundaries is observed by means of 
STEM measurements and it is possible to explain the reduced oxidation rate by means of 
grain-boundary segregation. The reactive element effect may occur by means of physical 
blocking but it is not certain whether the solubility of reactive elements is high enough 
to explain the reduction of the oxidation rate by this model. The interaction of reactive 
elements with defects at chromia grain boundaries is another possible mechanism to 
explain the reactive element effect. Calculations on chromia support the experimental 
findings that in the bulk, chromium vacancies predominate at high Po* and chromium 
Reactive element effect on Cr,03 ionic processes 4509 
interstitials at low Poz .  Lattice simulations also support the phenomenon of rare-earth 
segregation to chromia grain boundaries. 
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